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ABSTRACT: The mechanical properties and plastic defor-
mation mechanisms of metal nanowires have been studied
intensely for many years. One of the important yet unresolved
challenges in this field is to bridge the gap in properties and
deformation mechanisms reported for slow strain rate
experiments (∼10−2 s−1), and high strain rate molecular
dynamics (MD) simulations (∼108 s−1) such that a complete
understanding of strain rate effects on mechanical deformation
and plasticity can be obtained. In this work, we use long time
scale atomistic modeling based on potential energy surface
exploration to elucidate the atomistic mechanisms governing a
strain-rate-dependent incipient plasticity and yielding transition for face centered cubic (FCC) copper and silver nanowires. The
transition occurs for both metals with both pristine and rough surfaces for all computationally accessible diameters (<10 nm). We
find that the yield transition is induced by a transition in the incipient plastic event from Shockley partials nucleated on primary
slip systems at MD strain rates to the nucleation of planar defects on non-Schmid slip planes at experimental strain rates, where
multiple twin boundaries and planar stacking faults appear in copper and silver, respectively. Finally, we demonstrate that, at
experimental strain rates, a ductile-to-brittle transition in failure mode similar to previous experimental studies on bicrystalline
silver nanowires is observed, which is driven by differences in dislocation activity and grain boundary mobility as compared to the
high strain rate case.

KEYWORDS: Bicrystalline metal nanowire, ductile-to-brittle transition, incipient plasticity and yielding transition,
self-learning metabasin escape algorithm

The mechanical properties and failure mechanisms of metal
nanostructures have been studied intensely for many

years. This has been partly due to the significant potential of
these materials across a range of nanotechnology applica-
tions,1,2 and partly as a basic scientific question to uncover how
and why their mechanical properties change as their character-
istic sizes are reduced to nanometer dimensions.3−7

Insights into the mechanical properties and plastic
deformation mechanisms of metal nanowires have been
obtained through both classical molecular dynamics (MD)
simulations,4,5,8−12 as well as nanomechanical experi-
ments.6,7,13−23 However, as is well-known, MD simulations
operate at time scales (micro- to nanoseconds) and strain rates
(ϵ ̇ = 106−109 s−1) which are almost 10 orders of magnitude
different from experimentally-relevant time scales (seconds or
longer) and strain rates (ϵ̇ = 10−4−100 s−1). This can lead to
discrepancies in understanding of nanowire plasticity at
different time scales, particularly if the incipient plastic
deformation mechanism is strain-rate-dependent, as in the
recent experiments of Ramachandramoorthy et al.22 and slow
strain rate simulations by Yan and Sharma.24 In particular, an
implicit assumption in studying nanowire plasticity has been to

assume that similar defect nucleation mechanisms are observed
at all strain rates,12,22 which could lead to inaccurate predictions
in the energetic barriers to defect nucleation, the inability to
capture strain-rate-sensitive plasticity transitions, and errors in
predicting the yield stress as the strain rate decreases.
In this work, we present direct observations, using atomistic

simulation techniques that can access long time scales and slow
strain rates,25 of strain-rate-dependent transitions in the
incipient plastic deformation mechanisms, yield stress, and
finally ductile-to-brittle failure mechanism for ultrasmall
(diameter <10 nm) bicrystalline metal nanowires. These results
are distinct in focus from most experimental studies, which
have typically centered on size and microstructure effects on
the mechanical properties and plasticity of nanowires.4,6,7,26,27

They are also distinct from previous MD simulations and
experiments that studied the effects of internal microstructure
(grain and twin boundaries (TBs)) on the mechanical
properties of nanowires23,28−32 because we demonstrate how
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the plastic deformation mechanisms that nucleate from internal
planar boundaries are strain-rate-dependent. Specifically, we
find a strain-rate-dependent yield transition in both silver and
copper bicrystalline nanowires, which is governed by the
change in incipient plastic event from Shockley partials
nucleated on primary slip systems at MD strain rates to the
nucleation of planar defects on non-Schmid slip planes at
experimental strain rates, where the incipient planar defect is
the formation of multiple TBs for copper and stacking faults
(SFs) for silver. Finally, we demonstrate that, at experimental
strain rates, a ductile-to-brittle transition in failure mode similar
to previous experimental studies on bicrystalline silver nano-
wires is observed,22 which is driven by differences in dislocation
activity and grain boundary (GB) mobility as compared to the
high strain rate case.
Brief Overview of SLME. While MD has led to many

fundamental insights on the plasticity of nanomaterials and
nanowires, it operates at time scales and strain rates that are
significantly different from those seen in nanomechanical
experiments.7 Because of this, we use in this work the recently
developed self-learning metabasin escape (SLME) meth-
od25,33−35 to study the incipient defect nucleation and
subsequent yield mechanisms for strain rates ranging from
MD to experimental. We note that various other time-scaling
approaches have been proposed for atomistics, and we refer the
interested reader to more detailed discussions available in
recent review papers.25,36−38 The SLME approach performs
potential energy surface (PES) exploration using a modified,
and more computationally efficient, version of the autonomous
basin climbing (ABC) method originally proposed by Yip and
co-workers.39−41 The key step is that a direct connection
between energy barriers crossed on the PES and strain rate is
made using transition state theory. In doing so, we have
demonstrated the ability of the method to access slow,
experimentally relevant strain rates and time scales leading to
the discovery of new deformation mechanisms for systems such
as amorphous solids34,35,42 and protein.43,44 An overview of the
SLME method can also be found in a recent review paper.25

For the SLME method, the connection between PES
exploration and strain rate is through transition state theory.
Specifically, we use an approach developed in previous SLME
works34,35 by beginning with the following expression for strain
rate, which was derived by Zhu et al. from transition state
theory (TST) assuming constant temperature and strain rate12

ν
σ σ

σϵ̇ =
Ω

−
⎛
⎝⎜

⎞
⎠⎟n

k T
E T T

Q T
k T( , ) ( , )

exp
( , )

0
B

B (1)

where n is the number of independent nucleation sites, ν0 is the
attempt frequency, E(σ, T) is the Young’s modulus, Ω(σ, T) is
the activation volume, and Q(σ, T) is the activation free energy
for dislocation nucleation. The activation free energy can be
expressed as Q(σ, T) = (1 − T/Tm) Q0(σ), where Tm is the
surface disordering temperature, and Q0(σ) is the activation
energy on the zero temperature potential energy surface (PES).

By defining a characteristic prefactor νϵ̇ =
σ σΩn k T

E T T0 0 ( , ) ( , )
B , we

can rewrite eq 1 as

σ
ϵ̇ = ϵ̇ −

−⎛
⎝⎜

⎞
⎠⎟

T T Q

k T
exp

(1 / ) ( )
0

m 0

B (2)

Bicrystalline Nanowires. In this work, we apply the SLME
method to study the plastic deformation mechanisms in

bicrystalline silver and copper nanowires spanning about 10
orders of magnitude in strain rate, i.e., from high rate MD to
experimental. We chose this nanowire system because it has
recently been investigated both experimentally and using MD
simulations,22 and also because we are interested in examining
strain rate effects on the plastic deformation mechanisms that
nucleate from internal planar boundaries.
To create the bicrystalline nanowires shown in Figure 1a, we

followed the procedure described previously.22 Specifically, the

two grains are built following the lattice directions in Figure 1a,
which results in grain A and grain B being tilted by 35.26°
about the [110] direction with respect to each other. Rigid
body translations of one grain with respect to the other are
used to sample a number of initial configurations.22,45,46

Because the grain rotation may cause atoms to be physically
too close to each other within the GB, atoms that are closer
than a critical distance of 0.25a0, where a0 is the lattice constant,
are removed from the system. Subsequently, a nanowire with
circular cross section was cut out from the original simulation
cell. Periodic boundary conditions are maintained along the
nanowire axis while the transverse directions are free, creating
free surfaces along the nanowire. We then performed conjugate
gradient energy minimization to find a minimum energy
configuration, where the configuration with the lowest potential
energy was chosen for our study.46

We also considered nanowires with surface roughness, similar
to the experimentally studied bicrystalline silver nanowires of
Ramachradramoorthy et al.22 Surface roughness was created in
both grains of the bicrystalline nanowires by removing atoms

Figure 1. (a) Atomistic model of a pristine 4.5 nm diameter
bicrystalline silver nanowire. Grain A (blue) and grain B (orange)
follow the lattice directions shown in the bottom image, which results
in the grains being tilted by 35.26° about the [110] direction with
respect to each other. (b) Surface configuration of the silver nanowire
with surface roughness. Surface defects are introduced in the nanowire
by removing selected atoms from the pristine configuration as
described in the main text. Bottom images show atomic structure
looking down the [110] nanowire axis.
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up to a depth of 0.8 nm with a roughness diameter of 1.5 nm in
both grains. We will quantify the effect of surface roughness on
the strain-rate-dependent incipient plasticity transitions later in
this work.
Due to the computational expense of the SLME method, we

perform simulations in this work on 4.5 and 6.5 nm diameter
bicrystalline silver and copper nanowires with periodic
boundary conditions along the nanowire axial direction,
which enable us to bridge the gap in strain rates from MD to
experimental, but do not allow us to perform a direct
comparison to the experiments in size scale. Copper nanowires
were modeled using the embedded atom method (EAM)
interaction potential for copper developed by Mishin et al.,47

while the silver nanowires were modeled using the EAM
potential of Williams et al.,48 which was also used by
Ramachandramoorthy et al.22 The visualization of the nanowire
deformation mechanisms was performed using the software
OVITO.49

Results. Benchmarking SLME Results against Classical
MD at High Strain Rates. We first benchmark the SLME
results against classical high strain rate MD simulations before
using the SLME method at slower strain rates that are not
accessible using MD. Figure 2 shows a comparison of the

SLME and MD-generated stress−strain curves at room
temperature for the MD-accessible strain rate of ϵ̇ = 109 s−1

and ϵ ̇ = 107 s−1 for 4.5 nm bicrystalline silver nanowires with
pristine surfaces. To calculate the stress−strain response for a
prescribed constant strain rate, we used the method previously
developed by Cao et al.,34,35 as detailed in the Supporting
Information.
The Young’s modulus for this bicrystalline silver nanowire is

104.5 GPa at a strain rate of 109 s−1, which is comparable to the
reported Young’s modulus of 112.4 GPa for a 4.4 nm square
cross section ⟨110⟩-oriented silver nanowire.50 The modulus
does not change appreciably when the strain rate decreases to
107 s−1, while the yield strain decreases from 6% to 5.3%, and
the yield stress decreases from 3.95 to 3.7 GPa by reducing the
strain rate from 109 to 107 s−1. We note that the yield stress as
defined here and throughout this paper corresponds to when a
large drop in stress is observed, as clearly seen at the different
strain rates in Figure 2. The SLME results match the MD

results for both the Young’s modulus, and also the yield strain
and yield stress, as well as the general postyield behavior,
including the large stress drop after yield that is characteristic of
nanowires that are subject to displacement-controlled load-
ing.22

SLME Investigation of Stress and Strain-Rate-Dependent
Incipient Plastic Deformation Mechanisms. We now present
and discuss the key results of this investigation, i.e., the strain-
rate-dependent transition in incipient plastic deformation
mechanisms for face centered cubic (FCC) metal bicrystalline
nanowires. We find the mechanical properties of the bicrystal-
line nanowires share some common features at different strain
rates as shown in Figure 2. In particular, while the yield stress
varies with strain rate, the elastic modulus, and thus the elastic
pathway traversed by the nanowire before yielding, is quite
similar. We exploit this feature by considering different
dislocation free structures for various stress states prior to
yielding. At each of these stress states, the SLME approach is
utilized to explore the PES while the nanowire length is held
fixed until yielding of the nanowires is observed.
Figure 3 shows results for 4.5 nm diameter bicrystalline silver

and copper nanowires with pristine surfaces immediately after
yielding at different stress levels. Later, we will connect these

Figure 2. Validating SLME results against benchmark MD results for
stress−strain curves at two different high strain rates of ϵ ̇ = 109 s−1 and
ϵ̇ = 107 s−1 at a temperature of 300 K for 4.5 nm bicrystalline silver
nanowires with pristine surfaces.

Figure 3. Atomic configurations immediately after yielding from
SLME simulations at stresses of (a) 3.9 and (b) 2.2 GPa for
bicrystalline silver nanowires with pristine surfaces and diameter of 4.5
nm. Atomic configurations immediately after yielding from SLME
simulations at stresses of (c) 5.23, (d) 4.29, and (e) 3.06 GPa for
bicrystalline copper nanowires with pristine surfaces and diameter of
4.5 nm. In all cases, yielding, which is defined by a significant drop in
stress, is caused by the emission of partial dislocations on primary slip
planes. Only planar defects are visualized. The following color
convention is used in all images in this figure: gray planes, GB; single
red plane, TB; two adjacent red planes, SF.
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stress levels to their corresponding strain rates via eq 2 to
demonstrate that the transition in incipient plastic deformation
mechanism seen in Figure 3 occurs at experimentally relevant
strain rates.
Figures 3a,b illustrates the two different stress-dependent

configurations we observed immediately after yielding for the
silver nanowires. In the high stress regime (σ > 3.2 GPa), the
incipient plastic event corresponds to the yielding event, which
occurs via the nucleation of leading partials from the nanowire
GB as shown in Figure 3a and Video S1. When these partials
sweep through the grain, more dislocations are triggered and
nucleated in the opposite grain. These dislocations glide along
the (111) and (111 ̅) slip planes with a Schmid factor of 0.471,
which is in agreement with the MD simulations of
Ramachandramoorthy et al., in which the same types of partials
were observed in bicrystalline silver nanowires.22 We note that
all yielding events nucleate from the nanowire surfaces if either
surface roughness is present, or if larger diameter nanowires are
considered as shown in the Supporting Information, Figure S4.
However, when the nucleation stress is below 3.2 GPa, a

different sequence of plastic deformation events is observed
prior to yielding in the bicrystalline silver nanowires, as shown
in Figure 3b and Video S2. Specifically, Shockley partial
dislocations are successively emitted on (1̅11) and (11 ̅1) slip
planes from the GB. These partial dislocations then glide along

the slip direction, leaving several long, planar SFs. These SFs
are particularly interesting because, unlike in the high stress
cases, the slip plane on which the partial dislocations propagate
has a zero Schmid factor, and as a result, the formation of these
SFs does not cause yielding. Yielding subsequently occurs via
the nucleation of leading partial dislocations as observed in the
high stress cases.
In order to explore whether a similar stress-dependent

transition in the incipient plastic event occurs in other FCC
metal nanowires, we performed similar simulations for
bicrystalline copper nanowires, as shown in Figure 3c−e. At
high stresses (σ > 4.5 GPa), as illustrated in Figure 3c and
Video S3, the first defect, which corresponds to the yielding
event, is the same as the bicrystalline silver nanowires, i.e.,
dislocations gliding along the (111) and (111 ̅) slip planes.
However, when the stress is decreased, TBs are formed on slip
planes with zero Schmid factor before yielding of the nanowire
occurs as shown in Figure 3d and Video S4. We note that the
same mechanism is also observed at constant strain rate
simulations at a strain rate of 0.1 s−1 prior to yielding of the
nanowire as shown in Figure S1c and Video S5.
If the nucleation stress is lower (less than 3.7 GPa), after the

emission of multiple TBs a long, planar SF on the (1̅11) slip
plane is emitted from the GB in grain B as illustrated in Figure
3e and Video S6. Yielding subsequently occurs via the gliding of

Figure 4. (a) (top) Atomic configurations and (bottom) atomic shear stress distribution before and after the formation of long, planar SFs at a stress
of 2.6 GPa for 4.5 nm bicrystalline silver nanowires with pristine surfaces. These SFs correspond to that shown in Figure 3b. (b) (top) Atomic
configurations and (bottom) atomic shear stress distribution before and after the formation of the TBs at a stress of 3.06 GPa for 4.5 nm bicrystalline
copper nanowires with pristine surfaces. These TBs correspond to that shown in Figure 3d,e. For both parts a and b, top images are colored by the
dislocation extraction algorithm (DXA) in OVITO while the bottom images are colored by atomic shear stress with color bar shown on the image.
The atomic shear stress is calculated as described in the Supporting Information. The arrows in bottom images point to the nucleation point for
Shockley partial dislocations. Only the GB and other planar defects are visualized. Single red plane, TB; two adjacent red planes, SF; green line,
Shockley partial dislocation.
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partial dislocations on primary slip planes from the free surface
near the intersection between either the GB or the TBs and the
surface. We note that the stresses in the bicrystalline copper
nanowires are larger than those seen in the bicrystalline silver
nanowires. This is expected due to the lower energetic cost for
defect nucleation in silver as compared to copper.51

The formation of long, planar SFs in bicrystalline silver
nanowires as well as multiple TBs in bicrystalline copper
nanowires at low stresses prior to yielding share some common
features as all of these planar defects occur on slip planes with
zero Schmid factor; i.e., there is no resolved shear stress on the
slip planes due to external loading. While a slip plane with a
zero Schmid factor is one on which slip is unlikely to occur, this
construct may not hold when the effects of the nearby GB are
considered. Specifically, the GB can serve as a dislocation
source due to the local stress fields resulting from the large
numbers of disordered atoms it contains.
To demonstrate this, we plot in Figure 4 the defect

nucleation processes for 4.5 nm diameter bicrystalline silver
and copper nanowires with pristine surfaces before yield, and
the corresponding atomic shear stress distribution along the slip
direction on slip planes with zero Schmid factor as described in
the Supporting Information. In Figure 4a, the top images show
that successive partial dislocations are nucleated from the GB,
where the green lines indicate the positions of the Shockley
partial dislocations. The bottom images of Figure 4a show that
dislocations nucleate from regions of the GB where atoms with
a large positive stress value along the slip direction are next to
atoms with a large negative value, as indicated in the circle. The
nucleation of partial dislocations from these regions helps to
relieve the local stress heterogeneity. This finding parallels with
that of Yamakov et al.,52 who reported via MD simulation
studies of the deformation of nanocrystalline FCC metals that
the nucleation of partial dislocations is induced by the local
shear stress regardless of the Schmid factor on the slip
directions.
The nucleation process in copper as illustrated in Figure 4b is

similar to that for silver. The partial dislocations are nucleated
from the GB where a large stress heterogeneity exists. After the
emission of two SFs, a trailing partial is nucleated on one of the
slip planes that already contains a SF, then propagates and
replaces a SF with a full dislocation, which leaves the
configuration with several TBs. This TB formation process
enables the reorganization of the lower portion of the GB,
which divides the nanowire into three grains with different
lattice directions. The newly formed grain C has a tilt angle of
73.5° with respect to grain B and an angle of 71.3° with respect
to grain A about the [110] direction. The TBs that form
therefore remove part of the less stable GB structure that was
initially formed between grains A and B, which leads to the
significant decrease in potential energy as shown in Figure S1b.
We also examined the effect of surface roughness, due to

reports that the bicrystalline nanowires studied experimen-
tally22 contained surface undulations. To do so, we introduced
surface undulations to both the silver and copper bicrystalline
nanowires as shown previously in Figure 1, and performed
SLME simulations at different stress levels. For the materials
and nanowire diameters we investigated, surface roughness did
not impact the incipient nucleation mechanism transition as
shown in Figure S2, and instead only impacted the energy
barrier needed for the incipient mechanism, as discussed in the
next section. Furthermore, due to the stress concentrations
created by the surface undulations, the yielding dislocations on

primary slip planes were emitted from the regions of surface
roughness at all strain rates. Finally, size effects were
investigated by considering 6.5 nm diameter bicrystalline silver
and copper nanowires. While the same transition in incipient
deformation mechanism with decreasing stress was observed as
previously described, as shown in Figure S3, we note that this
transition may be size-dependent. This is because larger
nanowires would incur a larger energetic penalty having twins
or stacking faults nucleate along its loading axis than the smaller
diameter nanowires studied computationally here.

Connecting the Nucleation Mechanism, Activation
Energy, and Strain Rate. The SLME simulations have
demonstrated that different incipient plastic deformation
mechanisms prior to yielding are operant depending on the
stress that is applied. However, at all stress levels, the stress
drop after yield, and thus yielding, is caused by the nucleation
of partial dislocations on the nonzero Schmid factor slip planes.
We used the climbing image nudged elastic band (CINEB)
method53 to find the activation energy barrier Q(σ, T) leading
to the transition state between the reference state of interest
and the final structure after yield, as illustrated in Figure S5. We
note that a similar approach was used by Zhu et al. to calculate
the activation energy barriers and nucleation stresses of pristine
⟨100⟩-oriented Cu nanowires under compression.12 The
potential energy barrier Q0(σ) is calculated based on the
energy difference between the initial equilibrium state and the
saddle point along the minimum energy pathway. Figure S6
summarizes the activation energy barriers that must be crossed
in order for yielding to occur at different stresses. It is clear that
a transition in the activation energy−stress (Q0−σ) plot is
observed, which happens around the transition stress for the
change in incipient nucleation mechanism illustrated in Figure
3.
We then make the connection between nucleation stress,

activation energy, and strain rate. Specifically, by converting the
activation energy to strain rate using eq 2, we are able to
determine the strain-rate-dependence of yield stress. To
connect the activation energy Q0(σ) to strain rate, the two
unknown parameters Tm and ϵ̇0 in eq 2 should be estimated.
We fit eq 2 to MD simulations at strain rates of 107 and 109 s−1

using the activation energy barriers obtained by CINEB. In
doing so, we find that Tm = 940 K and ϵ̇0 = 109 s−1 for silver
bicrystalline nanowires with diameter of 4.5 nm. The values are
comparable to the calculated surface disordering temperature of
926 K, where the surface melting temperature of [110] face is
0.75 of the bulk melting temperature54 and an attempt factor of
about 1010 s−1.55

After directly connecting activation energy to strain rate, we
show in Figure 5 the resulting yield stress as a function of strain
rate at 300 K for bicrystalline silver and copper nanowires with
diameter of 4.5 nm. As can be seen in Figure 5a, there is a
transition in the yield stress that occurs at a strain rate of about
102 s−1 for bicrystalline silver nanowires with pristine surfaces,
where an increased sensitivity to strain rate begins to manifest
itself. A similar transition in the yield stress for bicrystalline
copper nanowires with pristine surfaces is also observed as
shown in Figure 5b, though at a slower strain rate as compared
to silver, i.e., around 0.5 s−1. The transition in yield stress for
bicrystalline silver occurs at a higher strain rate than
bicrystalline copper due to the fact that silver has a much
lower SF energy, which corresponds to a lower energy barrier
for defect nucleation, and thus a higher frequency of
occurrence.
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While the existence of surface roughness did not impact the
incipient nucleation mechanisms, the activation energy required
for surface dislocation nucleation is reduced due to the
presence of the surface roughness. The lower activation energy
barrier for defect nucleation results in the yield stress transition
being shifted to lower stress and higher strain rates for both the
silver and copper bicrystalline nanowires. Specifically, the
transition in the yield stress occurs at the higher strain rate of
104 s−1 for silver nanowires with surface roughness, and 103 s−1

for copper nanowires with surface roughness, as shown in
Figure 5a,b. In contrast, the transition strain rate decreases with
increasing nanowire diameter, due to the decreasing importance
of surface effects. For example, the transition strain rate reduces
to 1 and 103 s−1 for 6.5 nm bicrystalline silver nanowires with
pristine and rough surfaces, respectively.
Figure 5 demonstrates that transitions in the strain-rate-

dependent incipient nucleation events strongly impact the
resulting yield stress for these bicrystalline nanowires.
Furthermore, they demonstrate that the transition in the
yield stress with strain rate is observed for the different
materials even though the mechanisms governing the transition,

i.e., from partial dislocation slip on primary slip planes to the
formation of long, planar SFs on non-Schmid slip planes in
bicrystalline silver, to the formation of multiple TBs in
bicrystalline copper, are different. They also illustrate the
potential issues that can arise if the high stress nucleation
mechanisms and stresses observed in MD simulations are
directly extrapolated to experimental strain rates without
directly observing any changes in incipient nucleation
mechanism that can occur as the strain rate decreases.

Ductile-to-Brittle Transition at Experimental Strain Rates.
We now discuss the effects of strain rate on the ductility and
failure of the 4.5 nm diameter bicrystalline silver nanowires
with surface roughness. To do so, we performed constant strain
rate simulations using the SLME method at the high strain rate
of 109 s−1, and a much slower strain rate of 10 s−1. As can be
seen in Figure 6, when the strain rate decreases from 109 to 10

s−1, a significant reduction in fracture strain is observed, from
55% to 35% strain, which is similar to the ductile-to-brittle
transition with decreasing strain rate observed experimentally
by Ramachandramoorthy et al.22

Figure 7 shows the deformation mechanisms leading to
failure for the two different strain rates. For the high strain rate
(109 s−1) as shown in Figure 7a and Video S7, the nanowire
yields at a strain of 4.1% due to the nucleation of leading partial
dislocations primary slip planes (i.e., with nonzero Schmid
factor). At a strain of 10%, more SFs are emitted from the GB
in both grains, which induces GB migration along the nanowire
length direction. As the strain increases, the nanowire
eventually fractures at around 55% strain.
At the low, experimentally relevant strain rate (10 s−1) as

shown in Figure 7b and Video S8, the nanowire yields at
around 2.5% strain. The yielding occurs due to the nucleation
of partial dislocations on primary slip planes, but we also
observe the presence of long, planar SFs on slip planes with
zero Schmid factor, which represents the incipient nucleation
event. The nucleation event of long, planar SFs on slip planes
with zero Schmid factor preceding yielding by partial
dislocations on primary slip planes is consistent with the
predicted nucleation and yielding mechanisms shown in Figure
S2b. As the strain increases, the surface roughness causes
localization, and as such the onset of necking is observed

Figure 5. (a) Yield stress as a function of strain rate at room
temperature for bicrystalline silver nanowires with diameter of 4.5 nm.
The transition in yield stress occurs due to the different incipient
nucleation mechanisms that occur at different stresses for the
nanowires with pristine and rough surfaces as previously illustrated
in Figure 3a and Figure S2a. (b) Yield stress as a function of strain rate
at room temperature for bicrystalline copper nanowires with diameter
of 4.5 nm. The transition in yield stress occurs due to the different
incipient nucleation mechanisms that occur at different stresses in
Figure 3b and Figure S2b.

Figure 6. SLME simulated stress−strain curves for 4.5 nm bicrystalline
silver nanowires with surface roughness at both MD-relevant (ϵ ̇ = 109

s−1) and experimentally relevant (ϵ ̇ = 10 s−1) strain rates.
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around 5.5% strain, where we define necking to be the strain at
which the cross sectional area begins, locally, to continuously
decrease. As the strain increases, more planar defects are
nucleated from the GB, and as a result, part of the GB is
removed due to the nucleation of TBs at 10% strain.
Furthermore, an obvious reduction in the cross sectional area
at the necking region is observed at 20% strain. Fracture then
occurs at 35% strain. The mechanisms governing the ductile-to-
brittle transition are distinct from those recently reported for
single-crystal silver nanowires by Zhong et al.56 In that work,
surface atom diffusion at slow strain rates was shown to lead to
a brittle-to-ductile transition and superplasticity at slow strain
rates. As this mechanism was not observed here, this suggests
that defect nucleation from the GB controls the deformation
characteristics of these bicrystalline metal nanowires.
There are several important differences in deformation

mechanism as compared to the high strain rate MD
simulations. First, instead of the formation of partial
dislocations and SFs at high strain rates and small grains,27

full dislocations are observed at the experimentally relevant
strain rate, which is consistent with previous works
demonstrating that planar defects along the nanowire axial
direction can alter the deformation mode from twinning to full
dislocations in metal nanopillars.57 Specifically, as illustrated in
Figure 7b, full dislocations become prevalent after the
formation of TBs at the experimentally relevant strain rate.
Similar behavior has been observed in MD simulations of
⟨110⟩-oriented FCC metal nanopillars where twinning and SFs
are the dominant deformation mechanisms in pristine nano-
pillars, while more full dislocations are observed in nanopillars

with a longitudinal TB.57 The formation of full dislocations
occurs because when two leading partials meet at the TB, a
stair-rod dislocation forms and dissociates into two trailing
partials, which eliminates the SFs produced by the leading
partials. Second, very little GB migration is observed, which is
different from the high strain rate simulations, and which limits
the ductility of the nanowire at slow strain rates. This is because
at the slower strain rate, more full dislocations are observed,
while the dislocation nucleation is limited to the regions of both
grains where the surface roughness is present.
We close with a final comparison to the experimental results

of Ramachandramoorthy et al.22 Specifically, one indication
that the ductile-to-brittle transition had occurred was a
transition in plasticity behavior from distributed plasticity
along the nanowire length, which delayed the eventual necking,
to localized plasticity, leading to abrupt necking and brittle
failure. While we observed distributed plasticity in the SLME
simulations at high strain rates, it is possible that the defect
density was not sufficiently large to also lead to the strain
hardening that was observed experimentally. However, one
reason for this may be that we did not consider the effects of
pre-existing bulk and surface defects in the nanowires outside of
the initial GB. As shown by Narayanan et al.,32 strain hardening
can be observed in metallic nanowires by introducing pre-
existing bulk and surface defects, which we have also observed
in preliminary simulations of the bicrystalline metal nanowires.

Conclusions. In conclusion, we have demonstrated, using
long time scale atomistic simulations, strain-rate-dependent
transitions in both the incipient plastic deformation mechanism
and yield stress in ultrasmall bicrystalline copper and silver

Figure 7. Atomic configurations showing the defect creation and evolution in 4.5 nm bicrystalline silver nanowires with surface roughness during
tensile deformation at two strain rates of (a) 109 and (b) 10 s−1. Only the GB and other planar defects are visualized. The following color convention
is used: gray planes, GB; single red plane, TB; two adjacent red planes, SF.
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nanowires. The simulations showed how the planar defects that
nucleate from internal GB are impacted by strain rate.
Specifically, the incipient nucleation mechanism was shown to
transition from Shockley partials emitted on primary slip planes
at high strain rates to the formation of planar defects on non-
Schmid slip planes at experimental strain rates, where the
incipient planar defect is the formation of multiple TBs for
copper and SFs for silver. Finally, we demonstrate that, at
experimental strain rates, a ductile-to-brittle transition in failure
mode similar to previous experimental studies on bicrystalline
silver nanowires is observed, which is driven by differences in
dislocation activity and GB mobility as compared to the high
strain rate case.
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